This paper reports experiments investigating the reaction of H 2 with uranium metaloxide bilayers. The bilayers consist of ≤ 100 nm of epitaxial α-U (grown on a Nb buffer deposited on sapphire) with a UO 2 overlayer of thicknesses of between 20 and 80 nm. The oxides were made either by depositing via reactive magnetron sputtering, or allowing the uranium metal to oxidise in air at room temperature. The bilayers were exposed to hydrogen, with sample temperatures between 80 and 200 C, and monitored via in-situ xray diffraction and complimentary experiments conducted using Scanning Transmission Electron Microscopy -Electron Energy Loss Spectroscopy (STEM-EELS). Small partial pressures of H 2 caused rapid consumption of the U metal and lead to changes in the intensity and position of the diffraction peaks from both the UO 2 overlayers and the U metal. There is an orientational dependence in the rate of U consumption. From changes in the lattice parameter we deduce that hydrogen enters both the oxide and metal layers, contracting the oxide and expanding the metal. The air-grown oxide overlayers appear to hinder the H 2 -reaction up to a threshold dose, but then on heating from 80 to 140 C the consumption is more rapid than for the as-deposited overlayers. STEM-EELS establishes that the U-hydride layer lies at the oxide-metal interface, and that the initial formation is at defects or grain boundaries, and involves the formation of amorphous and/or nanocrystalline UH 3 . This explains why no diffraction peaks from UH 3 are observed.
Introduction
The safe, long term, storage of metallic uranium samples requires a fundamental understanding and predictive capability regarding the uranium-hydrogen reaction [1] . Its storage in the presence of either moisture or organic material in sealed containers is known to produce hydrogen over time, which goes on to react with the uranium. As described elsewhere, the reaction proceeds through four characteristic phases: induction, acceleration, linear and terminal [2] and the last three phases can produce finely divided, highly reactive (pyrophoric) radioactive powder in the form of UH 3 . Generally a mixture of α and β-UH 3 is formed between ambient temperatures and 100 C with the concentration of α-UH 3 increasing to significant proportions at room temperature and below [3] . This uranium hydride presents a significant safety hazard on opening the container to air and knowing the amount of hydride produced allows a quantification of the hazard [4] .
There are, however, many unanswered questions remaining, despite a fairly welldeveloped literature, and at least part of the problem stems from the complexity of the real-world metallic uranium system (containing inclusions, defects, stress and many oxide variables etc). In this work, we have attempted to simplify the system as much as possible. To this end we have prepared model UO 2 /U metal bilayers on a sapphire (Al 2 O 3 ) substrate (11.0 orientation) with a Nb buffer [5] . We have then exposed these samples to a hydrogen containing gas whilst probing the structure with synchrotron X-rays. This experimental arrangement has the advantages of a very clean, nominally epitaxial uranium, welldefined model structure, from which certain reflections (both in the metal and oxide) can be followed with precision as the hydrogen interacts with the sample.
The areas of greatest uncertainty in our understanding relate to the earliest part of the reaction, i.e. when hydrogen traverses the oxide, enters the metal, builds to some terminal concentration at a given point and nucleates as UH 3 . We build on previous work with coupon samples and follow intensities and lattice parameters of the metal and oxide of our model system. Our observations from the synchrotron experiments are supported by Scanning Transmission Electron Microscopy (STEM) and Electron Energy-Loss Spectroscopy (EELS) measurements on additional samples exposed to hydrogen.
Experimental Details

Sample preparation
Samples of three types were prepared using the method of DC magnetron sputtering at the University of Bristol according to a method described elsewhere [5] . The U metal layers of between 60 and 100 nm were deposited on a Nb buffer at 600 C, giving a predominantly U(110) orientation epitaxial film [5] . Differing oxide overlayers were produced through either depositing an oxide through reactive sputter deposition or leaving the metal to oxidise in air. In the deposited case, by DC magnetron reactive sputtering, an oxide thickness of ∼ 20nm was created at 7 x 10 −3 mbar Ar/2 x 10 −5
mbar O 2 , 25-30 C on top of the uranium metal. In the air-grown case, the oxide overlayer was allowed to develop by exposure to laboratory air at room temperature over two days. A sample was also produced with no intentional oxide grown where the prepared uranium thin film was transferred to the vacuum system with a few minutes. This uncapped sample was exposed to hydrogen and used for STEM analysis. A table detailing the samples depicted in each figure is contained in the appendix. The Nb and U are deposited at high temperature to allow epitaxy and this results in a uranium film exhibiting predominantly α-U (110) crystallites, with a minor contribution from those oriented with the α-U (002) planes [5] . The crystallites of α-U (110) orientation are probably as thick as the film (60 nm) but the α-U (002) crystallites may extend no more than 20 nm in the growth direction. Importantly, there is no epitaxy between the uranium metal and the oxide.
Synchrotron experimental configuration
XMaS (Beamline BM28) is a bending magnet beamline at the European Synchrotron Radiation Facility (ESRF) and we used photons of incident energy of 8 keV (λ = 0.15498 nm) with a 6-circle diffractiongeometry goniometer [6] . Schematic illustration of the micro-furnace, gas manifold and pumping system used to introduce the H 2 /Ar gas mix to the samples. The micro-furnace was situated on the goniometer allowing an in-situ experiment.
Samples for the XRD experiments were loaded into a gas-cell consisting of a resistively heated sample stage (controlled remotely via thermocouples attached to the stage and a Proportional Integral Derivative controller) within an X-ray transparent beryllium dome. The cell could be evacuated to a base pressure of 10 −3 mbar and refilled with gas to 1000 mbar. Gas was supplied and extracted through a gas manifold attached to the cell. This allowed manual delivery of 4%H 2 in Ar (N5.5 purity); cell pressure could be monitored by means of pressure gauges. All subsequent reporting of pressure within this paper relates to the partial pressure of H 2 (P H 2 ) delivered. A schematic of the arrangement is shown in Figure 1 . XRD patterns were characterised by very intense reflections from the substrate (Al 2 O 3 ) at 2θ = 38.02
• . Samples were always aligned to maximize the α-U(110) peak using a omega rocking curve leading to small changes in alignment during the experiment and a change of intensity from the narrow substrate (Al 2 O 3 ) reflection.
Prior to hydrogen exposure samples were subject to a vacuum thermal pretreatment (12.6 hrs in the case of the deposited oxide and 1.5 hrs for the air grown sample) at 200 C/10 −3 mbar during which X-ray spectra were largely unchanged.
Due to the range of doses and temperatures explored throughout this investigation it is pertinent to compare them via a product of pressure and time. Therefore we have utilised the term dose to refer to the product of the partial pressure of hydrogen and the time of exposure (units min.bar).
We are aware that an exact equivalence of the factors of time and pressure may not be wholly justified, especially in the case of saturation effects, but gives a simple definition of dose that may be used to compare experiments. In the two samples examined with synchrotron radiation, there were also intentional changes in temperature during the hydrogen exposure: these are indicated on later graphs with vertical lines.
Atomic Resolution Microscope
The TEM foil (of approximate dimensions 20x10x0.02 µm) was produced via Focused Ion Beam (FIB) using a Pt protective layer to protect the sample during milling and thinning. The foils were prepared on a FEI Helios Nanolab 600i dualbeam at Bristol before being transported to Oxford for STEM and EELS measurements. STEM and EELS was undertaken at the University of Oxford with a JOEL ARM 3000F. Measurements taken at 200 kV allowed EELS spectra to be obtained simultaneously with high-annular imaging. All EELS data are calibrated in energy and normalised for thickness using the zero-loss peak obtained as part of, or simultaneously with, the spectra of interest. The energy resolution of the EELS system is determined via the full width at half maximum of the zero-loss peak and is of the order of ∼0.6 eV.
Results
The results section is organised in terms of experiments carried out at the ESRF on an as-deposited oxide sample and an air grown oxide sample. STEM and EELS experiments on further samples not exposed in-situ then follow. A full-width at half maximum (FWHM) analysis of the two samples used for diffraction is included just before the Discussion.
Deposited Oxide
The first series of experiments were conducted on a bilayer of α-uranium with a reactively sputtered uranium dioxide overlayer deposited at room temperature, thus producing an oxide from pure oxygen and without consumption of the metal. There is no epitaxy at the oxide/metal interface.
The XRD pattern ( Figure 2 ) is characterised by strong reflections of the α-U (110) at 2θ = 35.2
• and that of UO 2 (111) at 2θ = 28.5
• . In addition to these reflections, there is broad intensity around the α-U (002), but a quantitative analysis of this is prevented by the interference with intensity oscillations from thickness fringes from the buffer and metal layer. Finally, there are two minor reflections at ∼30.5
• , and 32
• (both of which change with exposure to hydrogen), and a weak contribution from the UO 2 (200).
Upon exposure to hydrogen the intensity of the major α-U (110) reflection is steadily decreased over the 80 C hydrogen exposures. For the final two scans the temperature was raised to 200 C, but by this time the reflections from the metal were very weak. In as-deposited UO 2 films, we find a strong 111 texturing, which is different from that found in air-grown films (see following section), so the dominance in this case of the UO 2 (111) over the UO 2 (200) is not surprising. The weak reflection at ∼30.5
• is the α-U (020), which is calculated at 30.7
• , and this is consumed by hydrogen dosing, as expected. The weak intensity and the breadth of the peak suggest only very small amounts are present. 
The peak at 32
• is related to the formation of UO 2+x [7] and implies that cubic 200 type reflections in UO 2 start to split as the tetragonal nature of U 3 O 7 (x = 0.33) makes reflections separated by ∼1
• appear (at this wavelength). As expected, these reflections disappear with hydrogen dosing, as the UO 2 is reduced to stoichiometry, and thus cubic. There are no indications of ingrowths of reflections attributable to either of the polymorphs of UH 3 ; the strongest reflection of the expected β-UH 3 (210) would be observable at 2θ = 30.2
• .
Our main aim is to consider the α-U (110) and UO 2 (111) reflections as a function of dosing. We do this by analysing the intensities and positions of these reflections and presenting the results in Figure  3 . The behaviour of the full-widths at half maximum (FWHM) with dose of all the reflections will be discussed later due to the association with crystallite size, section 4.
The drop in intensity of the α-U (110) after the first point almost certainly arises from a change in alignment. However, the initial increase of ∆d/d in both materials is close to that expected from thermal expansion when heating from 25 to 80 C [8, 9] . In contrast, the UO 2 (111) does not change in intensity, but the lattice contracts towards the bulk value. The opposite behaviour of the U and UO 2 lattices strongly increases the strain at the smooth interface between these two layers.
Air grown oxide
Oxide overlayers were allowed to grow naturally, by removing the α-uranium sample from the sputtering machine and leaving it in air for 2 days at room temperature, in this case oxide growth is the result of consumption of uranium metal.
The air-grown oxide sample is fundamentally different to that discussed above for the as-deposited sample. The oxidemetal interface is now not smooth, as it is the result of a conversion of the metal, rather than a layer added on top.
The rough oxide/metal interface reduces dramatically the reflectivity, and the intensity oscillations associated with the substrate and buffer. This allows a much better observation of the α-U (002) reflection in the air-grown oxide sample (Figure 4) , which was not possible with the as-deposited oxide sample ( Figure 2 ). The reflection near 32
• is associated with hyperstoichiometric UO 2+x and is removed as the oxide is reduced in stoichiometry by hydrogen exposure (as was seen for the asdeposited oxide sample, see Figure 2 ).
Plotting the intensity and ∆d/d in Figure 5 for all major reflections illustrates differences in the effect of H 2 dosing on different crystallographic orientations.
With exposure to H 2 gas there is clearly a difference in the consumption of the metal depending on the orientation. The required dose to consume the uranium metal is also greater in the air-grown oxide case than the deposited oxide case. To increase the reactivity and thus kinetics of the dose the temperature was raised, first to 140, and then to 200 C. The vertical lines in Figure 5 indicate where the temperature was raised.
The dose that resulted in complete consumption of uranium for the as-deposited oxide sample (1.2 min.bar) had little effect on the intensities or positions of metal or oxide Bragg peaks for the air-grown oxide sample. This suggests the air-grown oxide layer has formed a protective layer over the metal resulting in a lower rate of consumption of crystalline uranium via reaction with H 2 . The increase of ∆d/d for both U-metal and oxide peaks after the 1st point is due to thermal expansion [8, 9] , but after that both d-spacings show no change; no H 2 is entering the metal lattice. However, when the sample temperature is raised from 80 to 140 C (at first vertical line in Figure 5 ), a dramatic change takes place, with rapid expansion of the U lattice, and consumption of metal. A strong orientational dependence is observed; with the α-U (110) Bragg peaks decreasing much faster in intensity than the α-U (002) as is clear in Figure 4 .
As discussed above, for the as-deposited oxide sample there was no change in UO 2 (111) intensity over the experiment. However, as shown in Figure 5 , for the airgrown oxide sample a decrease in intensity was observed over the entire experiment (also observable in Figure 4 ). The intensities of both UO 2 (111) and UO 2 (200) start to decrease at around 1.2 min.bar when the temperature is increased to 140 C. Also at this increased temperature, the respective d-spacings show different behaviour: the UO 2 (111) decreasing (after an initial increase due to the change in temperature) and the UO 2 (200) increasing. Later in the experiment at around 5.6 min.bar, when the temperature is further increased to 200 C, the changes in these two d-spacings are further accentuated with a more rapid decrease and increase in ∆d/d for UO 2 (111) and UO 2 (200) respectively.
It should be pointed out that such behaviour in one single crystallite cannot occur, but the diffraction experiments along the specular direction (as reported here) probe only crystallites with their respective axes parallel to the overall film growth direction, so these results come from different crystallites, and are subject to different strain.
Scanning Transmission Electron Microscopy
A third type of sample, without any intentionally deposited or grown oxide (i.e. uncapped), was exposed to hydrogen and examined with STEM. This uncapped sample of ∼45 nm was subjected to 0.5 bar of pure hydrogen at 140 C for 20 minutes before the hydrogen was removed and the sample was allowed to cool. With this dose level (10 min.bar) blisters were formed and the blister example shown in Figure 6a ) was observed to be coincident with a crack through the uranium film. It is not clear whether the presence of a pre-existing crack caused the precipitation here or whether the precipitation of low density corrosion product caused the crack in the uranium metal. At the edges, where the blister is expanding laterally, the hydride is not crystalline suggesting that under some circumstances its formation will not give rise to sharp diffraction peaks. It is also noticeable from this figure that the blister appears to have formed at the interface between the uranium and the buffer layer, rather than at the free surface. This suggests that to form hydride requires a concentration of hydrogen in uranium and a nucleation point such as a defect. However this sample has seen a high hydrogen dose and recall that this sample has no (or very little) oxide, so that it is not representative of the earlier samples discussed above.
Electron Energy Loss Spectroscopy
Hydriding an as-deposited oxide/uranium bilayer at 80 C in 0.5 bar of 4% H 2 mix for 30 mins (0.6 min.bar equivalent dose) does not show complete consumption of the uranium metal and gives an opportunity to observe where early hydride precipitation occurs, Figure 7 . Conducting EELS collection over an energy region of 10-60 eV interrogates the P2 and P3 absortion edges which equate to the 6p to 6d transitions in uranium.
Fitting the edge positions for every pixel collected can help to build up a picture of the uranium bonding in different regions of the sample. For clarity the fitted peak positions are shown Figure 7b -c) for a line profile, shown in Figure 7a ), across the interface between the metal and the oxide. The peak position of the P3 edge, Figure  7b ), shifting from 16.6eV (oxide) to 17.5eV (metal) shows a distinct difference in the environment of the uranium metallic and ceramic and is in line with the observation of others [10, 11] . This is mimicked in the uranium O4,5 edges measured at 111.4eV (oxide) and 112.2eV (metal) [12] . There is also a difference in the P2 edge peak position, Figure 7c ), between oxide (28-28.3eV) and metal (29.2eV) with a large shift to a distinct lower energy at the interface between the metal and the oxide indicating a different uranium environment and possible valence state. Mapping the regions where the fitted peak position of the P2 edge is less than 27eV, and so neither oxide nor metal results in highlighting the interface region shown in Figure 7d ). In summary, after only a low dose of H 2 at 80 C (0.6 min.bar) we have good evidence for a distinctly different uranium environment (perhaps a different compound) at the interface region. This would suggest that our first UH 3 precipitation (initiation) is in this interface region between the U and UO 2 , where there are many defects.
Analysis of full-width half maximum of diffraction peaks
The full-width at half maximum (FWHM) is directly related to the size of the crystallites giving rise to the diffraction peak. The specular geometry of the experiment dictates the probing direction is perpendicular to the bilayer surface, i.e. in the growth direction. This crystallite size is limited by the bilayer dimension of ∼100 nm, leading to the FWHM being much broader than the instrumental resolution. In this case we have an experimental determination of the resolution width from the substrate sapphire peak, which has a FWHM =0.02
• . Normally one should perform a convolution of the measured FWHM with the instrumental resolution to obtain the observed FWHM, but in this case the peaks from the bilayer are so much wider than the resolution, that they may be used directly as the observed values. The FWHM of the major U and UO 2 reflections for the as-deposited and air grown oxide samples observed by the X-ray experiments, as a function of H 2 dose, are shown in Figure 8 .
Using the Scherrer formula:
where τ is the coherence length, κ is a shape factor, which we take as unity, and θ is the Bragg angle, we determine the relationship between FWHM and crystallite size. This relationship is shown on the right-hand side of the center panel of Figure 8 . These are dimensions in the growth direction. We are less concerned here with the absolute values, but more with changes as a function of H 2 dosing. Since a number of different mechanisms can contribute to the width of a reflection, for example inhomogeneous strain across the crystallite, the Scherrer formula gives a lower bound to the crystallite size. The values of crystallite size derived from the Scherrer equation are broadly in line or smaller than the film thicknesses themselves justifying our use of κ = 1.
For the as-deposited oxide, there is little change in the FWHM as a function of H 2 dose, and the widths correspond approximately to the nominal ones of 60 nm U metal, and 30 nm of dioxide. This absence of any broadening as the uranium is consumed (in both samples) puts important constraints on the mechanism of uranium conversion to hydride. However, for the airgrown oxide there are profound effects when the second stage (at T = 140 C) dosing occurs. For both the α-U(110) and α-U(002) grains the crystallite size is relatively unchanged during the 80 C part of the experiment. For the subsequent part of the experiment at 140 C the uranium is consumed steadily and the crystallite size then decreases by some 20-30% up to a dose of ∼ 2.5 min.bar.
Discussion
Changes in the uranium metal
Intensity from uranium metal reflections decreases substantially in the diffraction patterns in both samples (Figures 2 and  4) during hydrogen exposure. Since no change occurs during the annealing treatment before hydriding, this change can be attributed to hydrogen exposure. The absence of diffraction lines from the UH 3 will be discussed later, but is related to the amorphous and/or nanocrystalline form found by the TEM investigation shown in Figure 6 .
The reduction in metal intensity of α-U(110) is different for the as-deposited and air-grown samples, as shown in Figure 9a ), where we have plotted the normalised intensities of the two samples as a function of dose. The rate of removal of α-U(110) in the as-deposited sample (80 C) would appear to follow a parabolic relationship with time where the rate of removal is initially fast, slowing as the experiment progresses (Figure 9a) . If the intensity is plotted against log of the dose, Figure 9b ), then we should expect a straight line with the slope related to the rate, as is observed. This form of kinetics is consistent with the corrosion product forming an adherent product layer which itself throttles hydrogen transport to the metal; in such a scenario the growing UH 3 layer itself acts as a barrier to hydrogen flux and slows the hydriding reaction. This explanation firstly requires product formation between the source of hydrogen and the uranium metal (it is generally accepted in the literature that this occurs at the UO 2 -U interface) and, secondly, a non-spalling UH 3 product layer. Alire et al [13] have reported the effect of adherent hydride layers on initial take-up of hydrogen with an initial rapid rate followed by a reduction in rate as an adherent layer grows in thickness. Based on the quantity of uranium consumed in their experiments in order to reach a steady, initial minimum reaction rate, we could estimate that Alire had an adherent layer of UD 3 of ∼10 µm at 175 C, i.e. more than two orders of magnitude larger than our films (∼30 nm). It is thus likely that the hydride product in both samples discussed here will be adherent and therefore will provide a barrier to slow the hydriding rate. Figure 9 : Relative intensity of α-U(110) and α-U(002) plotted as a function of a) linear dose, and b) log dose. α-U(110) have been normalised to intensity = 1 at the start of the experiment whereas, for clarity, α-U(002) have been normalised to intensity = 0.5 at zero dose. Lines have been added to the α-U(110) data set for the air-grown oxide as a guide to the eye.
For the air-grown sample (Figure 4 ) during the 80 C portion of the experiment the rate of loss of α-U(110) intensity is both less and approximately linear over dose, as shown in Figure 9a ). If we remember that the uranium films in the two samples are nominally identical, it becomes apparent that there should be no reason why the airgrown sample would not ultimately form such an adherent barrier: but this type of kinetics is not observed. It appears that, in the case of the air-grown sample, the flux of hydrogen through the air-grown oxide is much lower and this then is the ratedetermining step for hydrogen delivery to the UH 3 -U interface; thus the air-grown oxide forms a partial barrier. Presumably at some point in this scenario the UH 3 layer will thicken to an extent where it will become the rate-limiting barrier and consequently after this point parabolic-like kinetics should take over, and this is indeed observed when the temperature is raised to 140 C.
We will discuss further the differences between these two oxide layers below; it should be remembered that the oxide overlayer in the air-grown sample is some 3-4 times thicker than that in the as-deposited sample.
Note that if we plot the intensities on a log plot, Figure 9b ), the change in intensity of the α-U(110) with the air-grown oxide layer at low doses cannot be observed easily, but this figure does emphasise the considerable change that occurs in the hydriding process when the air-grown sample is heated to 140 C, as well as showing the large differences between the hydriding of the α-U(110) and α-U(002) crystallites. The differences in consumption rates of α-U(110) and α-U(002) we also observed in a further sample although these data are not shown in the present paper.
For the air-grown oxide sample ( Figure  4) we observe that the intensity of the α-U(002) is some 10% of the α-U(110), but that the decrease in this reflection with H 2 dose is far slower than the α-U(110), see Figure 9b ).
In considering the differences between these two reflections it is important to consider their respective FWHM values, which are shown expressly in Figure 8 . As shown in Figure 8c ) on a linear scale the reflections are quite different. The α-U(002) intensity is diminished steadily over 80 C, then 140 C, and then 200 C such that it becomes the majority of observed uranium intensity after only a short period at 140 C. Figure 8 gives information on the vertical (i.e. along the growth direction) size of the crystallites as a function of H 2 dosing. In all cases the α-U(110) FWHM stays essentially constant as a function of dosing, which is quite different to the α-U(002) FWHM, and the latter is obviously much smaller than the former, and does not ex-tend over the whole film. We do not have information on the exact spatial position of the α-U(002) crystallites, and it could be that they are near the bottom of the film, which might suggest it takes longer for them to be consumed. However, the constancy of the α-U(110) FWHM puts constraints on the type of uranium consumption mechanism that can be considered valid.
Whereas it may be simple to think that the hydriding of uranium occurs here through a lateral hydriding front corroding into the metal grains (i.e. top-down), this does not agree with the evidence, since the crystallite size (probing vertically) does not change markedly during the corrosion. Instead, we must imagine a mechanism where the grains are being corroded without thinning them in a vertical dimension. This evidence then suggests a hypothesis where the uranium is largely consumed from the side, i.e. for instance from a grain boundary. Hydriding of metal at grain boundaries is not a novel idea and examples have been identified in terms of initiation at grain boundaries [14, 15, 16] and also propagation of reaction fronts in the related plutoniumhydrogen reaction [17, 18] .
The α-U(002) crystallites in the airgrown sample are initially unchanged until a large proportion of the α-U(110) is consumed at which point their crystallite size decreases markedly. Given that the oxide is polycrystalline we may assume that the hydrogen may be delivered effectively to many points at the U-UO 2 interface, as also demonstrated in Figure 7 where hydrogen is inferred along the U-UO 2 interface, and yet corrosion only takes place at a face perpendicular to the U(110) plane.
We can also conclude that the α-U(002) faces are also apparently less reactive than some of the planes perpendicular to U(110) (Figure 9 ), but we should remember that their delay in consumption may also be a function of their location in the film. Presumably the factors that govern the propensity of a given face to react to form UH 3 may be related to how easily that uranium face can accommodate significant amounts of hydrogen and the ease with which those local uranium atoms can rearrange to take up a UH 3 structure. In addition the reactivity may be inversely related to the hydrogen permeability through that face, because if hydrogen delivered to the U-UH 3 interface can be readily dispersed into the metal, then it is less likely to build to a high concentration required to precipitate UH 3 .These aspects have been considered by Taylor et al. [19] , who assumed that α-UH 3 was the initial product. Further information on this anisotropy can be obtained by future experiments in which a highly epitaxial α-U (002) sample can be examined [20] . We have also considered whether there could be a channeling effect. The orthorhombic structure is sufficiently distorted from either bcc or hcp [21] that such channelling seems very unlikely.
A major question in these studies is related to the location of the initial hydride precipitation. The STEM work ( Figure 6 ) shows that the hydride formation is noncrystalline suggesting why we would not observe diffraction peaks at the initial stages of hydriding. The EELS spectroscopy efforts ( Figure 7 ) have indeed shown that there is a layer different from oxide or U metal at the interface, and it is tempting to assign this to a thin layer of UH 3 , although we have no direct proof.
We had hoped that some evidence for the spatial formation of the hydride might be obtained from X-ray reflectivity studies. Scattering cross sections in X-ray reflectivity are related to the electronic density (electrons per unit volume), and whereas this is 4.44 e/Å 3 for U metal, and 2.64 e/Å 3 for UO 2 , the value for the hydride is 2.59 e/Å 3 , so with X-ray reflectivity the hydride is indistinguishable from the oxide. Neutron reflectivity would be a possibility, provided a large enough sample area can be made, as H and O have quite different scattering amplitudes with neutrons.
The uranium metal reflections are also seen to shift in the diffraction patterns to larger d-spacings (Figures 3b and 5c ). For the α-U(110) reflection this increase in the d-spacing is around 0.6% (as-deposited oxide) and 0.65% (air-grown oxide); for α-U(002) the change is slightly less but over a longer dosing period. Whereas it is tempting to explain this increase in d-spacing in terms of increasing concentration of hydrogen in the uranium lattice such an explanation has to be taken with caution. There is a strong correlation between the d-spacing of the uranium metal with the amount of uranium consumed. This could be attributed to a number of effects, the correct answer of which is not clear from these data. If this effect is caused by hydrogen dissolved in the uranium lattice it is in a dilute regime, full saturation is apparently not achieved.
Changes in the uranium oxide overlayers
There are differences between the asdeposited and air-grown oxide overlayers and this has a profound influence on how the hydriding reaction unfolds. Compared to the strong UO 2 (111) reflection the proportion of UO 2 (200) is around 10% in the as-deposited oxide (Figure 2) , and in airgrown oxide (Figure 4) , although it initially appears more, it is in fact much lower at around 4%. According to Waber et al. [22] and Chernia et al. [23] a larger fraction would be expected as the texture of UO 2 on U-metal is 110 . For a randomly oriented sample the ratio UO 2 (200)/UO 2 (111) ∼ 1/3, but to determine the exact texture we should also measure the UO 2 (220), which we have not done in our experiments. No doubt the different textures relate to the fact that the UO 2 is deposited (either in the sputtering chamber or by air-growth) on mostly epitaxial flat uranium metal. The oxide overlayers we have produced are textured, probably favoring 111 rather than 110 .
Moreover, whereas in the work by Jones et al. [24] , the air-grown oxide crystallites were found to be about 12 nm in extension when grown on polycrystalline uranium, Figure 8 shows that they are ∼ 20 nm in the as-deposited sample and as large as 80 nm (in the vertical direction) in the air-grown sample.
In addition to the UO 2 (111) and UO 2 (200) described above we observe a reflection at 2θ = ∼32
• which we assign to a higher UO 2+x oxide structure. Higher oxides of UO 2 are, of course, well known and studied; a review is given by McEachern and Taylor [25] , and more specific information on the diffraction spectra is given by Rousseau et al. [7] see Figures 5 and 6 in that paper. On the basis of that work we assign the reflection at ∼32
• to U 3 O 7 (002). Other U 3 O 7 reflections are coincident with those of UO 2 reflections and thus difficult to observe, and the ∼32
• reflection is observed to disappear with hydrogen dosing over about 3 hours for the as-deposited (P H 2 2-4 mbar, 80 C) and over about 3.5 hours for the air-grown (PH 2 16 mbar, 80 then 140 C) as would be expected if U 3 O 7 is reduced to UO 2.0 . It should be noted that the reduction of U 3 O 7 (002) occurs over the same period as uranium is consumed indicating that the presence of U 3 O 7 (002) does not appear to impact on the hydriding reaction.
The intensity of the UO 2 (111) reflection is particularly stable for the as-deposited sample (Figure 3a ) with no change throughout the hydrogen exposure experiment. For the air-grown sample the picture is more complex with a slight reduction (Figure 5b ) in UO 2 intensity with hydrogen exposure. This might be explained in part by the reduction of any U 3 O 7 components of the film although one might expect it to be replaced by UO 2.0 intensity; but in any case this points to considerable changes ocurring within the air-grown oxide film over this period.
Consideration of the FWHM of the oxide reflections shows a similar picture with the as-deposited (Figure 8a) showing no changes throughout the dosing experiment and with the air-grown oxide showing considerable change (Figure 8b ). The FWHM of the air-grown oxide reflections (see Figure 8b) suggest that the crystallite size of UO 2 (111) and (200) decrease steadily (by around 50%) as a function of hydrogen dose; this happens over the same period where the UO 2 (111) intensity is reduced (Figure 5b) ) and is independent of the consumption of uranium. The reason for this loss of intensity is not understood but points to some significant changes within the oxide film during this period. All these changes alter the overlayer, breaking it up and forming a structure with smaller crystallites than in the original sample. At the same time a great acceleration is observed in the rate of metal consumption, shown in Figure 9 . In future studies some of these films will be examined with microscopic methods such as TEM to try to determine the exact nature of the airgrown oxide and how it reacts to temperatures above 100 C.
Finally, analysis of the position of the UO 2 (111) reflection shows that this dspacing decreases during hydrogen exposure. The contraction of these d-spacings as a consequence of the hydrogen exposure are significant in size at 0.10% (asdeposited, 0-1.2 min.bar) and 0.38% (airgrown, 0-8 min.bar) and would appear to be independent of whether, or how much uranium (underlying the oxide) has been consumed. Higher temperatures are responsible for greater changes in the d-spacing.
The most likely explanation for the contraction of the d-spacings is the absorption of hydrogen into the UO 2 lattice; the change is of an order observed when additional oxygen enters the UO 2 lattice to form UO 2+x [26] . This thesis is consistent with the decreases in d-spacing and with the temperature dependence of the effect.
This last observation, of a decreasing UO 2 (111) d-spacing as a result of H 2 dosing, is of significance as it provides some evidence at last that hydrogen may enter the UO 2 lattice and therefore presumably may traverse it during hydrogen corrosion reactions [1] . We have observed the effect (and the parabolic-like form) with other samples not reported here, and the observation leaves the way open to use the measurement to probe the kinetics of hydrogen introduction into these UO 2 films. However, despite providing evidence that the hydrogen is introduced into the UO 2 lattice, the cumulative evidence here is that the uranium is almost quantitatively consumed (95% complete) by 0.96 (as-deposited) and 2.2 (airgrown) min.bar early in the reaction and the amount of uranium remaning has no effect on the changing UO 2 (111) d-spacing. This would suggest that the consumption of uranium is unrelated to the absorption of hydrogen into the oxide overlayer. Given that the oxide overlayer is polycrystalline with grains of the order of 20 nm (asdeposited) and 20-80 nm (air-grown), then we can imagine UO 2 grain boundaries as a viable alternative route for hydrogen to enter the metal. Lastly, it is noteworthy that at high doses on the air-grown sample the UO 2 (200) d-spacing is observed to increase as the UO 2 (111) decreases and this may provide an indication as to the environment(s) in which the hydrogen resides.
Observations of UH 3
As discussed above, there is overwhelming evidence for consumption of metallic uranium during the hydrogen exposure period; a period where the UO 2 XRD reflections do not increase in intensity and indeed the U 3 O 7 (002) reflection is removed indicating a reducing environment. However, despite the fact that uranium is consumed the inferred product (either α-UH 3 or β-UH 3 ) has not been observed in the diffraction patterns (Figures 2 and 4) . In related work of hydriding exposure of polycrystalline uranium at 80 C (R.M. Harker unpublished) β-UH 3 (210) was readily identified at a d-spacing of 2.99Å(∼ 29.8
• = 2θ, slightly expanded from the tabulated value expected at 30.24
• = 2θ). In order to be unobservable in the diffraction pattern the compound product would need to be either amorphous or as nanocrystalline as to be effectively amorphous over the XRD length scale.
Transmission Electron Microscopy (Figure 6 ) of a lift-out foil from a sample exposed to a 10 min.bar hydrogen dose confirms that a compound (presumably UH3) distinct from the oxide is formed in this thin film system, and also confirms that this product is amorphous.
This supports the view that precipitated UH 3 in these studies may be unobservable on account of its level of crystallinity. Nanocrystalline β-UH 3 was recently observed in a hydrided U-Mo 0.18 alloy where the product was non-crystalline by XRD but grain sizes of 1-2 nm were determined using Partial Distribution Function analy-sis [27, 28] . UH x has also been observed when H 2 O reacts with uranium metal [29] showing that various stoichiometries can exist at the interface between metal and oxide.
Conclusions
Grains of α-U(110) are consumed at a faster rate than the minor component grains of α-U(002). The rate of consumption of α-U(110) in as-deposited oxide at 80 C follows a logarithmic law (Figure 9b) ) indicating the generation of an adherent UH 3 barrier that slows subsequent hydriding. The consumption of α-U(110) in airgrown oxide is both slower and approximately linear at 80 C. However, when the temperature is increased with the air-grown oxide layer to above 100 C there is a very rapid consumption of uranium ( Figure 9 ). The available evidence (from changes in the FWHM/inferred crystallite size) suggests that the α-U(110) grains are not thinned appreciably in the vertical direction during uranium consumption (Figure 8b) ) suggesting a face perpendicular to U(110) is rapidly consumed in these samples as compared to the U(110) face. This leads to a model of consumption in this system of grain-boundary corrosion with the corrosion interface moving laterally into the grains. A consequence of the consumption of uranium is a proportional increase in the d-spacing of U(110), and to a lesser extent the U(002), in the direction of film thickness.
There are considerable differences in the as-deposited and air-grown oxides in these samples and this is responsible for profound differences in how the samples react with hydrogen. Minor reflections of U 3 O 7 (002) are removed during the hydrogen exposure at temperature but this does not appear to impact on the uranium corrosion rates. Also there appears to be considerable changes in the air-grown oxide overlayer when heated to 140 C as indicated by changes in the intensity and FWHM of UO 2 (111) and UO 2 (200). Finally, there is considerable evidence for a contraction of the UO 2 (111) d-spacings during H 2 exposure providing evidence of hydrogen absorption into the UO 2 lattice; the contractions are parabolic-like with higher temperatures resulting in faster rates and greater extent of change. This provides evidence that hydrogen may enter the UO 2 lattice and may thereby traverse the oxide in this way. However this mechanism of hydrogen transport across the oxide appears to not be dominant in this system as the changes in oxide d-spacings change over a longer timescale than is seen for uranium consumption.
Interrogation of these thin film samples by synchrotron X-radiation provides a powerful tool to understand the changes ocurring in the metal and oxide components of this model system.
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